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Abstract

A detailed study of the strain-hardening on a Fe–9Cr–0.1C tempered martensitic model alloy has been undertaken in

the temperature range of 77–343 K. The true stress–true strain curves were calculated from tensile test data. In the

framework of a phenomenological model for the strain-hardening based on dislocation mechanics, it has been shown

that, above 170 K, the whole post-yield behavior can be reasonably described by a single law. On the contrary, below

170 K, a careful examination of the strain-hardening indicated that the single law cannot describe anymore the entire

post-yield strain range. It has been suggested that this behavior is related to the low mobility of the screw dislocations in

the low temperature regime that influences the shape of the tensile curve.

� 2004 Elsevier B.V. All rights reserved.
1. Introduction

The tempered martensitic steels are among the most

promising candidate materials for structural applica-

tions in fusion reactor [1]. A great deal of studies on

these steels have been undertaken, in the framework of

the international fusion material development program,

to investigate and characterize the mechanical and

physical properties in relation to their microstructures

[2] and their evolution and stability under irradiation [3].

As far as the tensile properties are concerned, the main

effort has been focused on the irradiation-induced

hardening and the loss of ductility, [4–6]. However, some

investigations have been done to characterize the overall

shape of the tensile curves and the temperature depen-

dence of the strain-hardening [7,8], the effect of precip-

itates on the work-hardening [9] and to model the flow

localization and ductiliy loss [10]. The strain-hardening

law that we presented in [8] was based on a simplified
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model of dislocations mechanics for the F82H tempered

martensitic steels. The model was successfully applied in

the temperature range 200–723 K. The goal of this paper

is to present new tensile data obtained on a Fe–9Cr–

0.1C tempered martensitic model alloy for temperature

ranging from 77 K up to 343 K and to analyze the

evolution of the strain-hardening law.
2. Experimental procedure

A Fe–Cr–C model alloy with 9 wt% Cr and 0.1 wt%

C, produced by Carpenter Technology Corporation, has

been studied in this work. The heat-treatment of this

steel consisted of an austenization at 1253 K during 25

min and air quenching followed by a tempering at 863 K

during 80 min. The microstructure of the alloy has been

fully characterized by optical and transmission elec-

tron microscopy. Basically, it presents a fully tempered

martensitic microstructure. The mean intercept length of

the prior austenitic grains was about 27 lm. Details
about the microstructural characterization can be found

in [11].
ed.

mail to: raul.bonade@psi.ch


Fig. 1. Temperature dependence of the yield stress.
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Tensile tests were carried out with a Schenck

RMC100 electro-mechanical testing machine. Standard

DIN round specimens were used with 3 mm diameter

and 18 mm gauge length. The tests were performed at

several temperatures from 77 K up to 343 K. A tem-

perature chamber was mounted around the load train.

Temperature control was provided by a PID controller

along with a regulated N2 gas flow. In all the cases, the

temperature variation on the specimen during testing

was less than 0.5 K. The tests were performed at a

constant crosshead velocity of 0.1 mm/min correspond-

ing to a nominal strain-rate of 9.3 · 10�5 s�1. At all
temperatures but room temperature, the elongation of

the specimens was deduced from the displacement of the

machine crosshead measured with a linear variable dif-

ferential transformer (LVDT) by using a compliance

correction. The consistency of the compliance correction

procedure was checked at room temperature by com-

paring the corrected data obtained from the LVDT ex-

tensometer with that obtained from a clip gauge

attached to the gauge length of a specimen. The stresses

and strains reported hereafter are the true stress and true

strain.

In order to investigate the strain-hardening behavior,

the flow stress was decomposed into two components,

namely, the yield stress r0:2, defined at 0.002 plastic
strain, and the so-called plastic stress rpl defined as
rpl ¼ r � r0:2. In the following plots of rpl versus epl, the
origin of the plastic strain axis was chosen at the yield

stress so that epl is defined as

epl ¼ e � rðeÞ
EðT Þ � 0:002; ð1Þ

where rðeÞ is the true flow stress, e is the total true strain
and EðT Þ is the Young modulus, slightly dependent on
temperature. The temperature dependence of E was

assimilated to that of the F82H steel and calculated from

[12]. Finally, the strain-hardening h is defined as

h ¼ drpl
depl

: ð2Þ
3. Results and discussion

The temperature dependence of yield stress, r0:2, is
presented in Fig. 1. As expected for this type of alloy and

consistently with other data on tempered martensitic

steels [13], a strong increase of the yield stress with

decreasing temperature is observed below 200 K. This

temperature dependence is attributed to an intrinsic

Peierls type mechanism acting on the screw dislocations

while much weaker thermally activated processes take

place between 200 and 300 K. r0:2 at 350 K indicates that
the plastic flow becomes completely athermal above
room temperature. Being interested in possible conse-

quences of the absolute value of r0:2 and of temperature
as well on the subsequent post-yield behavior, we focus

in the following on the strain-hardening behavior. The

post-yield stress–strain data are presented in Fig. 2 for a

broad range of temperatures. For the sake of clarity,

only the data below 170 K are included in Fig. 2(a). In

Fig. 2(b), we present two rplðeplÞ curves, one at 150 K
belonging to the highly thermally activated regime of the

yield stress and one at 293 K corresponding to the

athermal one. The curves in Fig. 2(a) exhibit an inter-

esting behavior; for a certain epl the corresponding rpl
increases with temperature. This behavior does not hold

for temperatures higher than 170 K where the rplðeplÞ
curve shows a much more pronounced curvature

resulting in a more rapid decrease of the strain-harden-

ing rate with strain as can be seen in Fig. 2(b) at 293 K.

The strain-hardening, deduced from the experimen-

tal rpl � epl curves, is presented in Fig. 3(a) and (b)
respectively as a function of rpl. Although the tensile test
does not allow us to explore the plastic behavior up to

large strains due to the necking instability, it was still

possible to observe a change in the strain-hardening

behavior with temperature. Indeed, independently from

the temperature considered, an initial region is observed

where the strain-hardening strongly decreases with rpl.
In the case of temperatures above 170 K, a second re-

gion characterized by an almost linear decrease of the

strain-hardening with rpl is observed at higher rpl. These
two regions are illustrated in Fig. 3(b) where the strain-

hardening at 293 K is presented as an example of the

high temperature behavior. In the case of temperatures

below 170 K an intermediate region of the strain-hard-

ening develops between the two regions described pre-

viously. This intermediate region is clearly promoted by

decreasing temperature as is shown in Fig. 3(a). The case

of the 77 K curve is certainly interesting since the



Fig. 2. (a) Plastic stress–plastic strain curves at low temperatures, (b) plastic stress–plastic strain curve at 293 K with fit according to

Eq. (5). At 293 K, P1 ¼ 580000 MPa2, P2 ¼ 18, r0 ¼ 29 MPa. A low temperature example (150 K) is also included. In this last case, the
parameters values are P1 ¼ 462750 MPa2, P2 ¼ 3:5, r0 ¼ 57 MPa.
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strain-hardening exhibits a minimum after the initial

parabolic region. Furthermore, at 77 K it has to be

mentioned that the load has been observed to slightly

decrease after the yield point by about 36 N from the

absolute 8800 N reached of the yield point. Finally, for

plastic stress values larger than 60 MPa, the strain-

hardening displays the same linear decrease with rpl than
the higher temperature examples.

This continuous decrease of h with rpl suggests that a
saturation stress, rsat, would be reached at which the
strain-hardening becomes zero. In fact, rsat can be
readily estimated by extrapolation of the hðrplÞ curves at
high stresses, where the decrease is practically linear.

Nonetheless, this hypothesis cannot be fully supported

by the tensile tests data presented here since higher

strain levels should be analyzed in order to discard the

potential existence of a strain-hardening stage IV (or

even V) at large strains, as observed in other metals [14],

that may significantly modify the value of rsat.
Fig. 3. (a) Strain-hardening versus rpl at low temperatures, (b) strain
Eq. (3).
Following the phenomenological description of the

strain-hardening initially developed by Kocks and

Mecking [15,16] and later by Mecking and Estrin [17],

we already showed that the strain-hardening in tem-

pered martensitic steels can be represented by the fol-

lowing equation [11]:

h ¼ P1
ðrpl þ r0Þ

� P2ðrpl þ r0Þ: ð3Þ

Let us remind that this equation is derived by assuming

that the flow stress increase is due to the net storage of

dislocations in the material and that ðrpl þ r0Þ follows
the Taylor’s equation [18]:

rplðeplÞ þ r0 ¼ Malb
ffiffiffi
q

p ¼ Malb
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
q0 þ DqðeplÞ

q
; ð4Þ

where M is the Taylor factor, a is a dimensionless con-
stant, l is the shear modulus, b is the magnitude of the
-hardening versus rpl at high temperatures with fit according to
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Burgers vector and q0 is the grown-in dislocation den-
sity. Note that in Eq. (3) r0 is equal to Malb

ffiffiffiffiffi
q0

p
and

that P1 and P2 are coefficient reflecting the storage and
annihilation of the dislocations via an effective mean

displacement distance and annihilation distance that are

assumed constant with deformation. The Eq. (3) can be

integrated to obtain rpl ¼ rðeplÞ, yielding

rpl ¼

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
P1 � ðP1 � P2r20Þ expð�2P2ðeplÞÞ

P2

s
� r0: ð5Þ

Thus, the rplðeplÞ experimental data can be fitted using
the above equation by adjusting P1, P2 and r0 parame-
ters. It is worth noting that Eq. (5) leads to a saturation

stress rsat equal to ðP1=P2Þ0:5 � r0. Two examples of fits
are given in Fig. 2(b) at 293 and 150 K where it can be

seen that the fits are qualitatively good. However,

keeping in mind that three-parameter fits are used to

reconstruct the deformation curves over a limited strain

range, special attention has to be paid to the self-con-

sistency of the analysis. In particular, it was found that

the fitted parameter r0 was temperature-dependent. In-
deed, at room temperature r0 ¼ 29 MPa while at 150 K
r0 ¼ 57 MPa. However, according to its definition, r0
depends only on the initial dislocation density and a

variation from 29 MPa to 57 MPa would correspond to

an increase of q0 by a factor of about 3.8, which is
obviously not consistent. Clearly, the good quality of the

fits does not warrant the physical meaning of the fitting

parameters. If the model is self-consistent, the strain-

hardening can be recalculated by using the fitted

parameters obtained from Eq. (5) and compared with

the experimental data. This comparison is shown in Fig.

3(b) for two temperatures, namely 293 and 150 K. It can

be seen that, at 293 K, the calculated hðrplÞ curve pre-
dicts satisfactorily well the data, when the fitting

parameters extracted from Eq. (5) are used. Note how-

ever that between about 40 and 60 MPa the calculated

strain-hardening is slightly higher than the data. A close

look at Fig. 2(b) reveals that the fit slightly overestimates

the experimental stress–strain curve by only few MPa

between rpl ¼ 40 and 70 MPa. It is worth mentioning
that an extrapolation of the data at 293 K (Fig. 3(b)) to

zero gives a saturation stress equals to 150 MPa±10

MPa while the calculated saturation stress from the fit-

ting parameters ðrsat ¼ ðP1=P2Þ0:5 � r0Þ is 150 MPa. In
this case, the strain-hardening law and its integrated law

predicts well the rplðeplÞ and hðrplÞ experimental curves
as well as the saturation stress. On the contrary, at

T ¼ 150 K, the good fitting of the rplðeplÞdoes not
translate into a good prediction of the strain-hardening

versus rpl as it can be seen in Fig. 3(b). First, at this last
temperature, the calculated hp is much lower than the

measured one in the initial stage of plastic deformation

and does not reproduce properly the linear decrease at

high stress. The direct consequence of this observation is
that an estimation of the saturation stress from the fit-

ting parameters would yield an erroneous value. In

this specific case, we obtain rsat ¼ 300 MPa while a
direct extrapolation of the data to high stress give about

190 MPa.

The above observations allow us to identify two

temperature domains for the strain-hardening behavior.

The first one corresponds to temperature below 170 K

and the second one above this last temperature. In the

high temperature domain, Eq. (3) provides a good

description of the strain-hardening law, at least over the

whole tensile curve. In other words, plastic flow can be

satisfactorily described by a simple model of dislocation

mechanics with one single structural parameter, the total

dislocation density q and two characteristic distances,
the mean displacement distance of dislocations and an

annihilation distance, which are taken into account via

the coefficients P1 and P2. Eq. (3) does not hold any more
below 170 K. As described above, the hðrplÞ curves
shown in Fig. 3(a) indicate that the three identified re-

gions of strain-hardening cannot be described by Eq. (3)

characterizing a monotonous decrease. It is worth not-

ing that the temperatures lower than 170 K correspond

to those at which the Peierls mechanism controls the

dislocation mobility. In this low temperature regime, the

non-screw segments of the dislocation loops moves first

at low strains increasing the screw dislocation density

only. This approach was used to model the evolution of

the dislocation density at low strain in bcc metals by

Essmann and Mughrabi [19]. After a certain amount of

strain, dependent on temperature, the motion of the

screw segments can no longer be disregarded that leads

to an additional increase of the non-screw segments. The

intermediate region of strain-hardening that we ob-

served could be explained on that basis.
4. Summary

Tensile tests were carried out on a Fe–9Cr–0.1C

model alloy for temperatures ranging from 77 K up to

343 K at constant nominal strain rate of 9.3 · 10�5 s�1.
The strain-hardening was analyzed as a function of the

stress. It was found that the strain-hardening can be

reasonably described in the framework of the phenom-

enological approach of Kocks and Mecking for tem-

perature above 170 K. A single strain-hardening law was

found to describe reasonably the whole tensile curve. In

this model, only three key parameters are used, namely

the total dislocation density, the mean displacement

distance of the mobile dislocations and the effective

annihilation distance. By decreasing temperature, it was

found that the single law does not hold anymore and

a more sophisticated description of the strain-hardening

needs to be elaborated. It was suggested that the limited

mobility of the screw dislocations resulting in an
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increase of the screw dislocation density first followed by

an increase of the non-screw dislocation density at

higher strains may be the basis for further developments.
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